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I. Introduction
Conventional surface probes are usually diffrac-

tion-based techniques, by which real-space surface
structures are indirectly derived from their repre-
sentations in the reciprocal space. While diffraction
probes are very useful in determining the long-range
order of a surface, they often suffer from ambiguities
in atomic details. The advance of a new generation
of surface probes based on force and tunneling
microscopy has allowed the direct observation of
surfaces in real space, with atomic resolution. The
applications of these new techniques continue to
develop and expand seemingly without limits, from
probing surface atomic, electronic, and optical prop-
erties to determining quantitatively surface thermo-
dynamics and growth kinetics and to patterning
surfaces at the nanometer scale. Scanning tunneling
microscopy (STM) is one of the most widely used
probes of the new generation. In this article, we
review recent applications of STM, as a quantitative
tool for studying surface structures, morphologies,
energetics, and stresses, to investigating the effect
of strain during the growth of ultrathin Ge films on
Si(001).

The potential of creating novel electronic and
optoelectronic devices from SiGe/Si heterojunctions
and nanostructures has recently generated consider-
able excitement.1 Epitaxial growth of Ge and SiGe
alloy on Si is also a classical model system for
investigating the effect of misfit strain on heteroepi-
taxy. Understanding the morphological instabilities,
such as surface roughening processes, in a strained
film is very important to the growth of high-quality
smooth films beyond the “equilibrium critical thick-
ness” 2,3 by manipulating the growth kinetics and
modifying the surface thermodynamics.4 Further-
more, recent efforts have also been made to take
advantage of certain surface roughening processes
that have been recognized as useful means for
nanofabrication by strain-induced self-assembly and
self-organization of steps and clusters.5

Thin-film growth is controlled by the competition
between kinetics of growth and the thermodynamics
of the thin film/substrate system. Usually, at low
temperature and/or high deposition rate, growth is
dominated by kinetics: at those conditions there
exists a large supersaturation of adsorbed atoms, the
system is far from equilibrium; at high temperature
and/or low deposition rate, the thermodynamic condi-
tions become more apparent. STM can be used to
investigate both the growth kinetics and the thin-
film thermodynamics with atomic resolution. For
example, STM has determined6 the adatom diffusion
coefficient and kinetics of interaction between ada-
toms and surface steps through the measurement of
island number density and the measurement of the
denuded zone width near surface steps, during ho-
moepitaxial growth of Si on Si(001) in the submono-
layer regime.
Similar studies have also been made for heteroepi-

taxial growth of Ge on Si(001),7,8 which will be
discussed briefly later. However, the main body of
this review will be on quantitative STM determina-
tions of thermodynamic properties of thin Ge films
grown on Si(001), including quasi-equilibrium surface
structures and morphologies, energetics of defects
and of defect-defect interactions, and evolving sur-
face stress tensors. The purpose of the review is to
reveal the strain-induced surface roughening and
ordering processes during the initial stage of growth
of pure Ge on Si(001), focusing on quantitative STM
analyses of evolving surface structures, morphologies,
and stress tensors. We attempt to present a com-
prehensive picture of thermodynamics of a strained
ultrathin Ge film [up to a thickness of a few mono-
layers (MLs)] on Si(001), revealing the physical
mechanisms of strain relaxation and understanding
the intriguing interplay between surface stress and
surface morphology.
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II. Intrinsic Surface Stress of Si(001) and
Ge/Si(001)
The surface energy of a solid surface has in general

two contributions: the formation energy and the
deformation energy. The former reflects the breaking
of bonds to make a solid surface; the latter reflects
the tendency of a solid surface to distort because it
is a quasi-2D system and hence would like to assume
a different atomic structure and a bonding configu-
ration different from that of the bulk. The deforma-
tion energy gives rise to a nonvanishing surface
stress. The nonzero surface stress tensor, i.e., the
consequence of this second term in the surface

energy, is defined as the derivative of surface energy
(Esurf) with respect to surface strain (εij)

Surface stress plays an important role in many
fascinating and intriguing surface phenomena that
appear on Si(001). For clean Si(001), the most
prominent feature is the (2×1) reconstruction9,10 (see
Figure 1). Surface atoms form rows of dimers to
reduce surface “chemical” energy by removing half
of the dangling bonds, but at the expense of increas-
ing surface “strain” energy due to bond distortion.
The reconstruction introduces a highly anisotropic
surface stress: the stress σ|| along the dimer bond is
tensile (i.e., surface atoms would like to be closer
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together along this direction than they are); the stress
σ⊥ along the dimer row is consequently compressive
(or at least less tensile than σ||). This stress aniso-
tropy, F ) σ|| - σ⊥, is predicted to cause a morpho-
logical instability:11,12 a single-domain surface breaks
up into a stripelike structure with alternating stress
domains. Such stress domains are quite generally
possible in systems that lower their surface energy
by reconstruction.
On a vicinal Si(001) surface, with a small miscut

toward a 〈110〉 direction, the surface misorientation
induces such a stress-domain structure, consisting
of alternating (2×1) and (1×2) domains separated by
monatomic steps. The discontinuity of stress at the
step introduces a force monopole proportional to the
stress anisotropy, giving rise to a repulsive interac-
tion between steps. The surface strain energy is
expressed as Es ) C1 - C2 ln(L/a),11,12 where C1
denotes the step formation energy per unit length,
C2 reflects the strength of the elastic step-step
repulsion, L is the step-step separation (terrace
width), and a is a microscopic cutoff length on the
order of a lattice constant. When a uniaxial external
stress is applied to such a surface, the favored domain
type will grow at the expense of the other through
step motion (given that there is no kinetic limita-
tion).12,13 A measurement13 of the population asym-
metry of (2×1) and (1×2) domains as a function of
the external stress determines quantitatively the
intrinsic surface stress anisotropy of Si(001) as 0.07
( 0.02 eV/Å2. The stress anisotropy of Si(001)
has also been calculated by various theoretical
methods,14-17 and good agreement with experiment
has finally been reached after several years of
controversy.16,17
As Ge atoms are deposited onto Si(001), they stay

in registry with the substrate Si atoms for several
monolayers,18 keeping the basic dimerized surface
structure intact (although dimers have a stronger
tendency to buckle on Ge-covered Si(001) than on
clean Si(001)19-21). Total-energy calculations22 that
assume a (2×1) structure is maintained (i.e., without
vacancy formation and (2×n) reconstruction), show
that surface stress would change toward compression
in both dimer-bond and dimer-row directions, reflect-
ing the buildup of stress in the deposited film due to
lattice mismatch, with the surface stress anisotropy

essentially constant. In reality, however, the large
compression along the dimer-row direction is relieved
by the formation of dimer vacancies. The ordering
of vacancies [i.e., the (2×n) reconstruction] drastically
changes the intrinsic surface stress field, reversing
progressively the sign of the stress anisotropy of clean
Si(001) with increasing Ge coverage.23 The stress
anisotropy of a Ge/Si(001) surface becomes close to
zero at 1 ML Ge coverage and -0.06 ( 0.02 eV/Å2 at
2 ML Ge coverage.23

III. Submonolayer Growth
In heteroepitaxy, such as the growth of Ge on Si,

the strain induced by lattice mismatch is expected
to affect both kinetics and thermodynamics. At room
temperature, as Ge atoms are deposited onto a
Si(001) substrate, they initially form 2D epitaxial
islands just as in homoepitaxy via the following steps:
6-8,24 adatom adsorption, adatom diffusion, nucleation
of islands, and growth of islands. Both experiments7,8
and theories25-27 show that the kinetics of growth of
Ge on Si(001) in the submonolayer regime is es-
sentially the same as that of Si(001) homoepitaxy. A
first-principles calculation of the potential-energy
surface for a Ge adatom on Si(001) shows that27 the
most stable adsorption site for a Ge adatom is in the
trough, next to a dimer row and between two dimers,
as for a Si adatom.28 STM measurements6-8 show
that the diffusion of both Si and Ge adatoms is highly
anisotropic, moving along the dimer-row direction
about 1000 times faster than across the dimer rows.
The activation barrier for diffusion of Ge resembles
that of Si on Si(001), but the prefactor is an order of
magnitude smaller, implying that Ge atoms diffuse
more slowly on Si(001) than do Si atoms.8 The
calculated diffusion barriers27,28 agree well with
experiments. At room temperature, for growth of
both Si and Ge, the size of critical nuclei is one
atom.6-8 The as-grown 2D epitaxial islands have a
highly anisotropic shape due to the large difference
in sticking coefficients of adatoms to different step
edges;6-8 annealing at higher temperatures (∼600 K)
changes the islands into a much more rounded shape
whose aspect ratio is determined by the energetics
of two types of monatomic height steps.29
One can conclude, therefore, that the 4.2% lattice

mismatch between Ge and Si has little effect on the
kinetics of submonolayer growth of Ge on Si(001).
After the completion of the first Ge monolayer,
however, the kinetics of further growth of Ge changes
drastically. It has been shown8 that the diffusion of
Ge adatoms on one-monolayer Ge-covered Si(001) is
much less anisotropic than on clean Si(001) and that
overall the effective diffusion coefficient is lower. Both
these changes are believed to be caused8 by strain-
induced (2×n) reconstruction (see next section),
consisting of ordered dimer-vacancy lines that impose
an additional barrier to diffusion along the dimer
rows, as shown by theories.26,30
Some differences between Ge and Si on Si(001)

have been observed by STM. Single Ge dimers and
dimers in Ge islands (rows of dimers), although
similar to their Si counterparts in overall shape, size,
and kinetic behavior, have19-21,31 a much stronger
tendency to buckle on Si(001) than their Si counter-

Figure 1. Side view (top panel, [110] projection) and top
view (bottom panel) of the (2×1) reconstructed Si(001)
surface. The dark rectangle depicts a (2×1) unit cell of
dimension 7.70 Å × 3.85 Å. The dimer bond length is about
2.2 Å.
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parts. The buckling leads a single Ge dimer (or a
Si-Ge mixed dimer) to undergo a rocking motion at
room temperature,31 while a unbuckled Si dimer
rotates back and forth.32-35 The different dynamic
motions of a Ge dimer (or a mixed Si-Ge dimer) and
a Si dimer at room temperature actually provide us
a unique way to distinguish them31 (see section VI).
The adsorption of a Ge monomer27 or a Ge dimer31
also induces buckling of Si substrate dimer rows
underneath and next to the adsorbate. These buck-
ling effects are likely to be a manifestation of the
larger size of Ge atoms.
In practice, thin-film growth is often carried out

at temperatures [∼600 °C for Ge on Si(001)] much
higher than room temperature, using step flow to
facilitate smooth growth. Thus, some aspects of
growth kinetics can become more complex, e.g., those
due to possible exchange of Ge and Si during adsorp-
tion (see section VI) and increase of critical nuclei
size.36 On the other hand, films grown at sufficiently
high temperatures are very close to thermodynamic
equilibrium. For a Ge film grown on Si(001), the
quasi-equilibrium is characterized by the formation
of (2×n) reconstruction; the well-ordered dimer-
vacancy lines can only be obtained by either growing
at a sufficiently high temperature (>300 °C) or
growing at room temperature followed by annealing
at a higher temperature.37 A recent analysis shows
that38 the supersaturation is very low at such high
temperatures, so the structure and morphology of the
thin film is dominated by thermodynamics. In the
rest of this review, we will focus mostly on quasi-
equilibrium Ge films grown or annealed at typical
growth temperatures (500-700 °C), paying special
attention to the effect of strain on their structural
and morphological evolution.

IV. Formation and Ordering of Dimer Vacancies

A. Rebonded Dimer Vacancy
Dimer vacancies and their complexes were recog-

nized as intrinsic surface defects on Si(001) since
Si(001) was first imaged with STM.10 The single-
dimer vacancy can have either a non-rebonded,
metastable configuration or a rebonded, stable con-
figuration. The rebonding of the exposed second-
layer atoms, similar to the dimerization of surface
atoms, reduces the number of dangling bonds at the
expense of introducing a tensile stress along the
bonding direction (i.e., the dimer-row direction).39,40
First-principles calculations41,42 show that the forma-
tion energy for a rebonded single-dimer vacancy on
Si(001) can be as low as ∼0.2-0.3 eV/dimer. Mea-
surements42,43 of the electronic structure of a single-
dimer vacancy indirectly confirm the rebonded con-
figuration.
When a lattice mismatched film such as Ge is

deposited onto Si(001), misfit strain is expected to
be relieved, given sufficient kinetics, by roughening
of the growth front, which may appear in various
different forms, such as creation of defects (vacancies,
steps, etc.), modulation of the surface through the
formation and/or rearrangement of steps, and growth
of 3D coherent islands. At what stage a process is
initiated depends on the formation energy of the

induced structure or morphology by each process and
on kinetic limitations. One process can preempt or
initiate another.
When Ge is added to the surface, the stress state

of the surface is modified. Initial strain relaxation
of the overlayer is primarily achieved by forming
additional dimer vacancies. Total-energy calcula-
tions22,30,40 show that dimer vacancies actually have
a negative formation energy on the Ge/Si(001) surface
with respect to the uniformly strained Ge overlayer,
and hence they are energetically even more favored
to form in a Ge layer on Si(001) than on clean Si(001).
Although the kinetics of vacancy formation are not
known, we should expect that dimer vacancies are
also kinetically more favored to form on Ge/Si(001)
than on clean Si(001), because it is easier to break
Si-Ge or Ge-Ge bonds than to break Si-Si bonds.
The rebonding of second-layer atoms in the dimer

vacancies plays an important role in the mechanisms
of vacancy formation and strain relaxation in Ge-
covered Si(001). Vacancies can serve as a strain-
relief mechanism by simply providing room for the
expansion of the Ge overlayer. Without rebonding,
however, vacancy formation would cost too much
chemical energy through the creation of dangling
bonds. The rebonding of second-layer atoms in the
vacancies not only eliminates the dangling bonds but
also introduces a large tensile stress, which cancels
and even over-compensates the large compression
along the dimer rows in the Ge overlayer.22,40 Thus,
vacancy formation is driven both by the reduction in
the number of dangling bonds and by strain relax-
ation.

B. (2×n) Reconstruction and Vacancy −Vacancy
Interaction
The ordering of vacancies to form the (2×n) recon-

struction will further reduce the surface strain
energy. As the Ge coverage increases, more and more
dimer vacancies (DVs) form. At high enough vacancy
concentration, the DV-DV interaction drives DVs on
different dimer rows to order in the direction per-
pendicular to the dimer rows, forming vacancy lines
(VLs). On average, two adjacent VLs are separated
by na0, leading to the (2×n) reconstruction; a0 here
is the surface lattice constant. The reconstruction
has been observed on Ge-covered Si(001) by both
STM7,44,45 and LEED,44,45 and has also been seen
during the deposition of SiGe alloy on Si(001) because
of Ge surface segregation.46,47 Recent quantitative
STM studies23,48-50 have helped to unravel the physi-
cal origin of the (2×n) reconstruction48 and to reveal
its complex effect on step morphology49 and surface
stress field.23
Although dimer vacancies readily form on clean

Si(001), a well-defined (2×n) pattern begins to appear
only beyond 0.8 ML Ge coverage (θGe),49,50 suggesting
that the reconstruction, (i.e., the ordering of vacan-
cies) is related to relief of misfit-induced compressive
strain in the surface.40,44 This conclusion is sup-
ported by an STM observation7 that at the tops of
large 3D Ge islands, where the strain is relaxed, flat
(001) facets show only a perfect (2×1) reconstruction.
Figure 2 shows an STM image of a (2×n) structure
on a Ge-covered Si(001) surface with θGe ≈ 1.6 ML,
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where the VLs are visible as dark lines because of
the lower altitudes of the dimer-vacancy sites. The
(2×n) reconstruction is not perfect; each DV fluctu-
ates around its mean position. The meandering of
the VLs is dictated by the competition between the
ordering process, driven by the DV-DV interaction
to minimize elastic energy, and the disordering
process, driven by a desire of the system to maximize
its configurational entropy.

1. Distribution of Dimer Vacancies

By analyzing the thermal fluctuations around the
ideal (2×n) structure, the form as well as the
magnitude of the DV-DV interaction has been
determined.48 Figure 3, a schematic diagram of the
(2×n) structure, introduces the notation for DV
displacements to facilitate discussion of their distri-
bution and of subsequent analyses. As discussed in
section IV.A, the rebonding of the second-layer atoms
in a DV pulls these atoms together along the dimer
row direction, giving rise to a large tensile stress in
this direction. (The rebonding does not induce any
long-range elastic field in the perpendicular direc-
tion.22,40) The tensile stress due to second-layer
rebonding effectively cancels the compressive stress
due to Ge/Si lattice mismatch, thus lowering the
elastic energy. There exists a preferred spacing na0
between two neighboring DVs on the same dimer
row. When they are too far apart, the compressive

stress in the overlayer is not relieved enough; if they
are too close, the stress is “over-relieved”. Effectively,
this balancing of tensile and compressive stresses
amounts to a short-range repulsive, long-range at-
tractive interaction between DVs on the same dimer
row, as shown directly by total-energy calcula-
tions.22,40
The thermal fluctuation of DVs causes n to have a

distribution function Pn(n), peaked at an optimal
value of n. [Pn(n) is the probability of finding dimer
vacancies on the same dimer row separated by n
dimers]. Figure 4 shows two such distribution func-
tions, for θGe ) 0.8 and 1.6 ML, respectively.49 They
are determined by counting n in individual dimer
rows of many STM images like those shown in Figure
2. As the Ge coverage increases, more vacancies are
created to relieve the increasing misfit strain. Con-
sequently, the optimal value of n in Figure 4 de-
creases with increasing Ge coverage, from ∼11 at 0.8
ML to∼9 at 1.6 ML, consistent with an earlier LEED
measurement44 and a recent theory.22 (During Si/
Ge alloy growth, the changing n reflects the different
amount of Ge surface segregation.47) In addition, as
the VLs are getting closer to each other (at smaller
n’s), the thermal fluctuations in a given VL are
suppressed by the stronger confinement produced by
neighboring VLs, so the width of the distribution
function decreases with increasing coverage. For θGe
) 0.8 ML, the Pn distribution (curve A) is broad and
asymmetric and can be fitted by a model of nonin-
teracting, freely meandering line defects,51 suggesting
a very weak DV-DV interaction; for θGe ) 1.6 ML,
the distribution (curve B) is narrow and symmetric
and can be nicely fitted by a Gaussian function (see
discussion below). Energetics calculations22 of the
(2×n) structure show trends in the optimal value of
n and its confinement potential as a function of Ge
coverage similar to those in typical experiments,48-50

which are at quasi-equilibrium conditions at which
Si/Ge interlayer mixing is minimal (see section VI
for details). The theory22 further shows that, at true
equilibrium, there should be considerable intermixing
of Ge into the top few Si layers, affecting both the
value of n and the shape of its confinement potential.
A recent experiment52 demonstrates that it is possible
to obtain different n values and distribution functions
Pn(n) for the same Ge coverage by using different
growth and annealing procedures to induce Si/Ge

Figure 2. STM image of the Ge-covered Si(001) surface
showing the (2×n) reconstruction. Size of the image is∼300
Å × 200 Å. (Courtesy of X. R. Qin.)

Figure 3. Schematic diagram showing the atomic struc-
ture of the (2×n) reconstruction. The open and solid circles
represent the top- and second-layer atoms, respectively.
Two connected atoms form a dimer, and the dimers align
into dimer rows labeled by i, i ( 1, etc. Within each dimer
vacancy are four rebonded second-layer atoms. Three
vacancy lines, running vertically in the picture, are labeled
as VL1 to VL3. Also defined are the h axis; the distance
between two neighboring vacancy lines, n; the separation
l of two vacancies on adjacent dimer rows. (From ref 48.)

Figure 4. Separation probability distributions Pn of
adjacent dimer vacancies on the same dimer row at (A) θGe
≈ 0.8 ML and (B) θGe ≈ 1.6 ML, respectively. (From ref
49.)
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intermixing.
When DVs are on different dimer rows, the inter-

action between them must be short-range attractive,
on the basis of the very fact that they prefer to order
into nearly straight VLs.48 The dependence of the
interaction potential energy on the separation of DVs
on neighboring dimer rows has been calculated from
first principles;30 the results are in good agreement
with experiment.48 Along each VL thermal excitation
displaces the DVs from the mean position, giving rise
to a second probability distribution, Ph(hi), where hi
specifies the position of a vacancy on the i-th dimer
row in a VL, measured from the mean position of this
VL (see Figure 3). Because STM images are typically
limited to about 400 Å × 400 Å in order to maintain
atomic resolution in viewing the dimer vacancy,48 it
is impossible to locate accurately the mean position
of a VL solely from these images and therefore, unlike
the Pn distribution, the Ph distribution cannot be
obtained directly from the images. However, analy-
sis48,50 shows that the meandering of neighboring VLs
is uncorrelated; the probability of exciting a vacancy-
vacancy displacement in a given VL is independent
of the existence or the direction of the displacements
in the neighboring VLs (see Figure 3). Consequently,
the distribution Pn is simply a convolution of two
independent probability distributions: Ph(h1,i) and Ph-
(h2,i), where h1,i and h2,i are respectively the h
coordinates of two neighboring DVs on dimer row i.
Once the Pn distribution is measured from the
images, Ph can be obtained by deconvolution. The
analysis48,50 further shows that, within the same VL,
the displacements of DVs on different dimer rows
show no correlations. The profile of a VL can be
equivalently viewed as the trace of an 1D random
walk within an external potential V(h). If the
potential is assumed to be quadratic, âV(h) ) (1/2)-
kh2, where â-1 ) (kBT), kB is the Boltzmann constant,
T is the equilibrium temperature, and k is an
effective force constant, the trace follows precisely a
Gaussian distribution.53,54 In Figure 4, the Pn dis-
tribution for θGe ) 1.6 ML (curve B), has been fitted
by a Gaussian function with a width ofwn ) 1.67a0.48
The deconvolution yields then a Gaussian form for
Ph as well with a width of wh ) wn/x2 ) 1.20a0.

2. Interactions between Dimer Vacancies

The noncorrelated meandering of neighboring VLs
justifies a mean-field approximation, which simplifies
the 2D interaction problem of DVs to a 1D model.48,50
The system consists of a collection of VLs, each
moving in an effective potential, V(h), representing
the collective effect of all the other VLs. The problem
reduces then to understanding the behavior of a
single VL in an external field V(h). Moreover, the
relative displacement of DVs in a VL is independent
of the existence or the direction of any other relative
displacement in the same VL. Therefore, only near-
est-neighbor interactions along a line of DVs need to
be considered.48,50 Under these constraints, the
problem can be solved exactly within the framework
of transfer matrix theory.48,50

The Hamiltonian of the VL is

where each pair of adjacent DVs has an interaction
energy E(hi,hi+1) that depends only on their separa-
tion l: E(hi,hi+1) ) E(l). We introduce the transfer
matrix, T, whose elements are given by

Using eqs 2 and 3, we can express the probability of
finding a relative displacement l as

where Z is the partition function. After some alge-
bra, eq 4 leads to

where λm is the largest eigenvalue of the transfer
matrix. Inserting the quadratic form of V(h) and the
Gaussian form of Ph into eq 5, we obtain

Equation 6 provides the first key relationship from
which the dependence of the interaction energy E(l)
between two DVs on neighboring dimer rows on their
separation l can be extracted. Without the second
term on the right hand side, it is the expression for
a Boltzmann distribution with no external confine-
ment potential V(h). The effect of the confinement,
represented by the second term, vanishes when k )
0 and wh f ∞, for a free random walk. In this
equation, values of wh and P(l) are obtained from the
STM images, but the strength of the mean-field
potential, k, is yet to be determined. In order to
extract the values of both E(l) and k simultaneously
we must invoke a second relationship.48,50 This
second relationship is provided by self-consistency in
the Metropolis Monte Carlo simulations to generate
the equilibrium configurations of the VLs using the
Hamiltonian defined by eq 2, with the second term
on the right-hand side given by âV(h) ) (1/2)kh2. For
each trial value of k, E(l) is calculated according to
eq 6. The program generates equilibrium vacancy
line configurations, from which the distribution
Ph(h) is calculated and compared to the experimen-
tally determined Ph(h) until a correct value of k is
found so that the computer generated Ph(h) converges
to the experimental Gaussian distribution. Conver-
gence is mandatory if the mean-field model is valid.48,50
The simulations48,50 following this scheme yield k

) (0.075 ( 0.008)a0-2 for θGe ) 1.6 ML. The corre-
sponding interaction energy E(l) between two DVs
on adjacent dimer rows separated by l is plotted vs l
in Figure 5. The interaction is attractive and short-

H[{hi}] ) ∑
i
E(hi,hi+1) + ∑

i
V(hi) (2)

Th1,h2
) exp{-âE(h1,h2) - 1/2â[V(h1) + V(h2)]} (3)

P(l) )
2

Z
∑
{hi}

δ(h1 - h2 - l)Th1h2
Th2h3

‚‚‚ThN-1hN
ThNh1

(4)

P(l) ) λm
-1exp[-âE(l)]∑

h1

exp{-1/2â[V(h1) +

V(h1 - l)]}xPh(h1)Ph(h1 - l) (5)

âE(l) ) -ln
P(l)
2P(0)

- 1/8(k + wh
-2)l2 (6)
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ranged; it becomes zero when the relative displace-
ment between the DVs on neighboring dimer rows
is beyond 4a0. The origin of the energy axis in Figure
5 is chosen so that E(5) ) 0, indicating that we are
using the energy of two well-separated, hence non-
interacting, dimer vacancies as the energy reference.
Assuming a temperature of 600 K at which the VLs
in Figure 2 are at equilibrium, the strength of the
attraction interaction, or equivalently the binding
energy of two dimer vacancies, is about 215 meV.48
These results are obtained for θGe ) 1.6 ML. The
interactions between DVs may depend on θGe and the
Si/Ge surface composition. Nevertheless, a recent
first-principles calculation30 of a surface with θGe )
3 ML shows a strength and form of the short-range
DV-DV attraction in neighboring dimer rows similar
to that has been measured for θGe ) 1.6 ML.
The physical origin of this attraction is a delicate

relaxation of the local atomic structure around the
two neighboring dimer vacancies.30,48 When a va-
cancy is created on the surface, atoms around it
deform to find the lowest-energy configuration. For
two close-lying vacancies, the local relaxation associ-
ated with each vacancy overlaps and interferes. By
optimizing the atomic structure at different vacancy-
vacancy separations, the strain energy, associated
with the relative displacement of two neighboring
DVs, is shown30 to increase with increasing separa-
tion, leading to an effective attractive DV-DV inter-
action.
In the dimer row direction, the VL-VL interaction

is short-range repulsive and long-range attractive.
For the mean-field potential V(h), which represents
the collective effect of VL-VL interaction between a
given VL and all the other VLs, it has a minimum at
the mean position of a given VL. The leading term
in the expansion of V(h) at the minimum is therefore
always quadratic, independent of the actual form of
the VL-VL interaction. In the last section, the
mean-field quadratic potential is determined from a
self-consistent analysis of vacancy distribution func-
tions, but the exact form of the VL-VL interaction
is still unknown. Alternatively, this interaction can
be obtained from total-energy calculations.22,40 Fig-
ure 6 shows the calculated surface energy as a
function of VL-VL separation [i.e., the n value in
(2×n) reconstruction], at different Ge coverages for
surfaces with and without Si/Ge interlayer mixing.
For now, we will concentrate only on results without

Si/Ge mixing, which corresponds to the quasi-equi-
librium obtained in typical experiments23,48-50 (solid
curves in Figure 6; the issue of intermixing will be
discussed later). The minimum of the calculated
potential (the optimal VL-VL separation, n) de-
creases with increasing Ge coverage. The potential
well becomes deeper and narrower at larger cover-
ages, suggesting that the statistical distribution of
n will become narrower with increasing coverage.
These results are in very good agreement with the
observed distributions, Pn(n), of separations of dimer
vacancies on the same dimer row shown in Figure 4.

V. The Effect of (2 ×n) Reconstruction on
Evolving Surface Morphology and Surface Stress
Field

A. Reversal of Step Roughness

1. Experimental Observations
Scanning tunneling microscopy has revealed sev-

eral interesting changes in surface morphology with
the deposition of Ge23,49,50 that accompany the devel-
opment of the (2×n) reconstruction. A very distinct
one is the reversal of relative roughness of the two
types of steps on the surface.49 When Si(001) is
miscut at small angles with the normal tilted toward
the [110] direction, two types of single-atomic-height
steps form. The smooth SA step is parallel to the
upper-terrace dimer rows, while the rough SB step
is perpendicular to them.55-57 Ge adsorption drasti-
cally changes the morphologies of both types of steps,
leading to a reversal of their relative roughness.49,50
In the discussion below, we follow that of refs 49

and 50. Figure 7 demonstrates the progressive
reversal of the step roughness induced by Ge adsorp-

Figure 5. The interaction energy of dimer vacancies E(l)
on adjacent dimer rows vs their separation l. The solid
curve guides the eye. (From ref 50.)

Figure 6. Surface energies for the (2×n) reconstruction
at various coverages. Symbols are calculated values for 1
ML (solid circles), 1.5 ML (solid and open squares), and 2
ML (solid and open triangles) coverages, respectively. Solid
(no interlayer mixing) and dashed curves (with interlayer
mixing) are spline fits to the data. Horizontal lines mark
the (2×1) surface energies for each individual surface.
(From ref 22.)
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tion on vicinal Si(001).49 Figure 7a is an STM image
of the clean vicinal Si(001) surface miscut 0.3° toward
[110]; the smooth SA and rough SB steps are clearly
distinguishable. As the Ge coverage increases, the
equilibrium step morphologies change in opposite
directions: SB steps become smoother and SA steps
rougher. At θGe ≈ 0.8 ML, the two types of steps are

visually equally rough (Figure 7b). Beyond this
coverage the relative step roughness is reversed. At
θGe ≈ 1.6 ML, the SB steps have become essentially
straight except for a few long kinks, while the SA
steps are very rough (Figure 7c). An STM image at
higher resolution for θGe ≈ 1.6 ML is shown in Figure
8. Here the dimer rows are clearly visible, confirming
the identification of the SA and SB steps. The
roughnesses of the steps exhibited in Figure 7a and
7c are also qualitatively different, that in Figure 7c
being much more “jagged” or “boxy”.
A step is roughened through the formation of kinks.

A kink is defined by the sequential occurrence of two
corners of opposite sense. Just as a step may have
any height, a kink may have any length: the straight
section between the corners defines the length of the
kink. A quantitative analysis of kink excitations at
steps is required in order to understand the relative
roughness of steps. It has been shown49,50 that there
exists an intrinsic connection between the crossover
process in relative step roughness and the ordering
of the (2×n) reconstruction on terraces. The (2×n)
reconstruction introduces a new type of kink along
the SA steps; it also confines the meandering of the
SB steps as a result of vacancy-step interaction. Ge-
Si bonds additionally modify the kink energies. In
the following, we provide a quantitative discussion
of these effects, which act together to induce the
reversal of the relative step roughness and to modify
kink and step energies, as the Ge coverage increases.

2. Vacancy-Step Interaction and Its Effect on Kink and
Step Energies

For clean Si(001), the relative roughness of SA and
SB steps simply reflects their step energies.56,57 A
kink in the SB step is just a segment of SA step; for a
rough SB step the total length of SB segments is
conserved, but the length of SA segments increases
as the step gets rougher. Conversely, a rougher SA
step introduces more SB segments. At thermal equi-
librium the step free energy is minimized at a cost
in step energy balanced by an increase in entropy.

Figure 7. STM images (3000 Å × 3000 Å) of vicinal
Si(001) surface 0.3° miscut toward [110]. (a) Clean surface;
(b) Ge-covered, with θGe ≈ 0.8 ML; (c) Ge-covered, with θGe
≈ 1.6 ML. The two types of single atomic height steps
(nominal) SA and SB are denoted. The staircase is down
from upper left to lower right. (From ref 49.)

Figure 8. STM image (450 Å × 450 Å) of Si(001) covered
with∼1.6 ML of Ge, showing atomically resolved structures
of steps, kinks, dimer-vacancy lines, and dimer rows
perpendicular to these lines. Vacancy-site (VS) and normal-
site (NS) kinks are shown along the SA step. (From ref 49.)
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Because the formation energy per unit length of an
SA step is less than that of an SB step,55-57 the cost
in making SA segments is less, and therefore the SB
step is rougher. In addition, there is a cost in corner
energy, which is the same on both steps.
For Ge-covered Si(001), the situation becomes more

complex because of the presence of many VLs from
the (2×n) reconstruction. A nontrivial modification
of kink energy analysis is necessary to understand
why the equilibrium step roughness for both types
of steps is changed with increasing θGe. The VLs
introduce two new features along the steps. First,
along the SA steps, kinks can form with much higher
probability at the sites at which the VLs terminate.
Because of the difference in local bonding, these kinks
must have energies different from those at the
normal sites, where there are no DVs. We differenti-
ate them as vacancy-site (VS) kinks and normal-site
(NS) kinks (Figure 8). Second, since the VLs on the
upper terrace are parallel to the SB steps, they may
limit the possible degree of the SB step meandering.
In that sense the step can be considered as simply
another VL, whose meandering is confined by its
neighboring VLs, as shown above. In addition, the
existence of Ge atoms in the overlayer creates Si-
Ge and Ge-Ge bonds, which may occur at the steps
and thus alter the step energies.
A quantitative analysis49,50 of kink excitations on

Ge/Si(001) with θGe ≈ 1.6 ML has been carried out
to determine the kink and step energies on a surface
with reversed step roughness and to compare them
to those of clean Si(001). For the SA steps, the VS
and NS kinks need to be counted and analyzed
separately. The kink excitations for Ge-covered
Si(001) are independent [as for clean Si(100)], i.e.,
no neighboring kink-kink correlation exists.49,50
Consequently, the number N(l) of kinks of length l
must follow a Boltzmann distribution: N(l) ∝ exp[-
âE(l)], where E(l) is the excitation energy of kinks of
length l. By plotting -ln[N(l)/2N(0)] vs kink length
l, the kink energy is extracted as a function of kink
length. The results are shown in Figure 9 for both
VS and NS kinks. The data can be fitted with
straight lines, i.e., EA(l) ) l εSB + CA. The two lines
have the same slope, âεSB ) 0.62 ( 0.06/2a0), but
different intercepts, âCA

VS ) 0.0 ( 0.3 and âCA
NS ) 2.0

( 0.3. Using an equilibrium temperature of 600 (
100 K, estimated for this surface, the common slope

gives εSB(θGe ≈ 1.6ML) ) 32 ( 5 meV/(2a0), substan-
tially smaller than that of clean Si(001).56,57

The same slope simply reflects a single value of εSB
for the SB step energy per unit length 2a0, as expected
for both types of kinks, because each VS and NS kink
contains a section of SB step. The difference in
intercepts, i.e., the corner energies, CA

VS and CA
NS,

results from the difference in local bonding at the
inner corner of the two types of kinks: for every VS
kink a dimer is missing at the inner corner, but this
is not the case for a NS kink (see Figure 8). The
vanishing corner energy of VS kinks implies a near-
complete relaxation at the inner corner of a VS kink,
leading to the lower overall energy of the VS kink
relative to the NL kink and hence a higher prob-
ability of kink excitation at the vacancy sites. Direct
counting of both types of kinks50 confirms this
conclusion. Because of their low formation energy,
kinks are expected with high probability at the
termination sites of VLs on the SA steps. As θGe
increases, the number of VLs increases, providing
more VS kinks and thus greater opportunity for the
SA steps to develop roughness.
The scenario for the SB steps is totally different

from that for the SA steps. We recall that the SB steps
become smoother as θGe increases from 0 to about 1.6
ML, implying that kinks become harder to create
along these steps. In section IV.B.2, we descibed how
the existence of the intrinsic vacancy-vacancy inter-
actions on the Ge-covered Si(001)-(2×n) surface leads
to a strong confinement of the meandering of a given
VL by the presence of all the other VLs. Because an
SB step, parallel to the VLs on its upper terrace, is
essentially the same as a VL judged from the point
of view of the local bonding geometry, it is natural
to expect this step to be subjected to a confinement
similar to that imposed on all the VLs on terraces,
forcing it to smooth.49,50 In order to extract the
intrinsic kink excitation energy from the meandering
of the SB steps, the effect of this confinement must
be removed.
As for the meandering of VL, analysis49,50 confirms

that the meandering of an SB step, for θGe ≈ 1.6 ML,
produces a Gaussian distribution function Px(x) of its
excursion x perpendicular to the step (with a width
of wx ≈ 2.6a0), which implies that the leading term
of the effective confinement potential has a quadratic
form, âV(l) ) (1/2)gl2, where g is an effective force
constant (see section IV.B.2). Also, the correlation
between the meandering of the SB step and its
neighboring VL is statistically negligible so that a
mean-field approximation is applicable. Therefore,
the solution of eq 6 for the energy of a DV displace-
ment in a VL can be readily transformed to the kink
excitation energy in the SB step

where the first term is just the usual Boltzmann
distribution with NB(l) being the kink length distri-
bution on the SB step measured from STM images
and the second term is the energy that describes the
effect of the confinement.

Figure 9. Dependence of the kink energies on kink length
for both types of kinks along the nominal SA step, for θGe
≈ 1.6 ML. The data can be fitted by two straight lines, with
the same slope εSB and different intercepts. (From ref 49.)

âEB(l) ) -ln[ NB(l)

2NB(0)] - 1/8(g + wx
-2)l2 (7)
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A plot ignoring the second term of eq 749 gives the
stars in Figure 10. A linear fit (dashed line) to EB(l)
) l εSA + CB gives âεSA ) 1.3 ( 0.1/(2a0), a value
almost two times that for clean Si(001),56,57 which
cannot be explained on physical grounds. The corner
energy obtained in this way, âCB ) 1.2 ( 0.3, is much
smaller than âCA

NS; the corners are identical, the
values should be similar. These inconsistencies
demonstrate the need to consider the confinement by
VLs, i.e., the complete eq 7. Because the value of g
is not a priori known, Metropolis Monte Carlo
simulations are used to generate equilibrium kink
configurations (see section IV.B.2), from which the
distribution Px(x) is calculated and compared to the
measured one until they converge.49 This procedure
yields g ≈ 0.04 a0-2. The corresponding values of
EB(l) are plotted in Figure 9 as the squares. Now a
linear fit (solid line) gives the true SA step energy,
âεSA ) 0.7 ( 0.1/(2a0). The difference in the two lines
in Figure 10 (the second term in eq 7) describes
exactly the contribution of the confinement energy,
which makes long-kink formation costly, leading to
straightening of the SB step.49 The value of εSA here
for θGe ≈ 1.6 ML is only slightly smaller than that
for clean Si(001),56,57 in contrast to the large decrease
observed for εSB, suggesting that the energy of an SA
step (the side of dimer rows) is less affected by Ge
incorporation than is the energy of an SB step (the
end of dimer rows). The corner energy, âCB ) 1.8 (
0.4, now is within error bars the same as âCA

NS

obtained above, as it should be. Thus, after inclusion
of the confinement effect, physically reasonable val-
ues of kink energetics of the SB steps and in turn the
SA step formation energy are obtained.
In general, as first demonstrated by the analysis

of step meandering on a high-miscut Si(001) sur-
face,58 when the terrace width becomes comparable
with the longest kink length, the confinement effect
on step meandering due to step-step interaction is
no longer negligible, and it becomes inadequate to
extract the kink energy from a simple Boltzmann
relation. The confinement effect on step and vacancy-
line meandering is expected to be a common phe-
nomenon that should exist on other surfaces contain-
ing steps and/or vacancy lines; the confinement can
arise from step-step, step-VL, and/or VL-VL elastic

interactions. The method that has been developed
to treat such confinement48-50,58 will be generally
applicable as well. For example, inclusion of the
confinement will likely improve the determination of
step energies in previous studies (e.g., GaAs(110),59
GaAs(001),60 and Ge-covered GaAs(001)61) that have
treated step roughening without taking into account
the confinement effect.48

3. Dependence of Step Energies on Ge coverage

The above analysis for θGe ≈ 1.6 ML can be
extended to other coverages. Figure 11 illustrates
the dependence of the step energies on the Ge
coverage for both types of steps.50 Both step energies
decrease monotonically as θGe increases: for the SA
step, it decreases slightly from the original value of
εSA ≈ 0.04 eV/(2a0); for the SB step, it decreases
substantially from εSB ≈ 0.10 eV/(2a0) for clean Si-
(001) to εSB ≈ 0.03 eV/(2a0) for ≈ 1.6 ML Ge-covered
Si(001). The large decrease in εSB but not in εSA is
reasonable because the formation of SB steps involves
rebonding of second-layer atoms and large bond
distortion, so it becomes more sensitive to Ge incor-
poration. In contrast, the corner energies of all the
kinks do not change magnitudes with increasing θGe,
demonstrating the very localized nature of the corner
effect.
On a strained surface, the step energy contains

mainly two contributions. One is positive and local,
resulting from bond distortion along the step. The
other is negative and nonlocal, resulting from strain
relaxation associated with the creation of the step.
Both are likely to contribute to the monotonic de-
crease in the step energy as the Ge concentration is
increased in the uppermost layers. First, because the
strength of a Ge-Ge bond or a Ge-Si bond is weaker
than that of a Si-Si bond, an overall smaller step
energy is expected as Si-Si bonds are replaced by
Ge-Ge and Ge-Si bonds. Second, at higher θGe, the
surface is more strongly strained, and the elastic
energy released by the creation of a step is larger
because it relaxes more strained bonds, producing an
increasingly negative second term that reduces the
magnitude of the step energy. The joint effect of both
accounts for the observed decrease in εSA and εSB,
although the magnitude of the effects may differ on
different steps, as shown in Figure 11.50

Because STM cannot yet differentiate between Ge
and Si atoms, it is, at the moment, not possible to
extract detailed information on the local atomic
structure and composition and hence to interpret the
dependence of step energies on θGe in more detail.

Figure 10. Dependence of the kink energy of the SB step
on kink length, for θGe ≈ 1.6 ML. With the confinement,
the kink energy (squares) is fitted by a solid line, whose
slope is εSA. Without the confinement, the data are also
plotted (asterisks), using a Boltzmann distribution with
N(l), the total number of confined kinks of length l, together
with a linear fit (dashed line). (From ref 49.)

Figure 11. Dependence of the SA (open circles) and the
SB (solid diamonds) step energies on the Ge coverage. (From
ref 50.)
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Step energies have been calculated only for clean
Si(001), using semiempirical methods;55,62 those are
in reasonably good agreement with experiment.56,57
A calculation of step energies for Ge-covered Si(001)
is not yet available, because the presence of the (2×n)
reconstruction and the uncertainty in Si/Ge surface
composition make the calculation too complex.
Although both step energies decrease with increas-

ing θGe (especially the SB steps), the change of step
energies is not the main cause for the reversal of
relative step roughness. Instead, the SA steps are
roughened by the VLs inducing a high probability of
kink formation when they terminate on the SA steps;
the SB steps are straightened by confinement of
meandering via the VLs. However, the reduced step
formation energy at high Ge coverage may induce
other surface morphological instabilities. When step
energies are sufficiently low, the strained Ge over-
layer is thermodynamically unstable against the
formation of extra steps, leading to a surface rough-
ening process via 2D islanding,7,8,23,50,63,64 i.e., forma-
tion of a stress-domain structure.11,12,65 STM im-
ages7,8,50,64 show that at a Ge coverage of about 2 or
3 ML, large (2×n) terraces break up into stripes of
2D islands, separated by trenches that are a several
dimer rows wide. The islands maintain their (2×n)
reconstruction; their width, on average, is only a few
times that of the width of trenches between them,
seemingly in accordance with the general size rela-
tion of stress domains established by theory.65

B. Reversal of Surface Stress Anisotropy

Adsorption of Ge modifies greatly the intrinsic
surface stress field of Si(001) by lattice mismatch-
induced strain and by strain-induced changes in
surface structure and surface morphology [e.g., the
(2×n) reconstruction]. For clean Si(001), the intrinsic
surface stress is highly anisotropic (see section II).
This stress anisotropy manifests itself on a vicinal
surface as alternating (2×1) and (1×2) stress do-
mains. The change of the relative populations of the
two domains in response to an external stress can
be measured to determine quantitatively the value
of surface stress anisotropy.13 Such measurements
have also been carried out on Ge-covered Si(001)21
surfaces that have been annealed to achieve the
quasi-equilibrium morphologies described earlier,
revealing a reversal of surface stress anisotropy with
increasing Ge coverage.
Surfaces with different Ge coverages are imaged

by STM under the influence of a given external
compressive stress.23 By comparing the responses
(i.e., the changes of relative population of the (2×1)
and (1×2) stress domains) to the same external stress
for different θGes, one can not only observe qualitative
changes of surface stress with increasing θGe (in
particular, the sign of the stress anisotropy), but also
determine quantitative values of stress anisotropy
with increasing θGe by employing a theoretical
model.12,13

Figure 12. STM images (3000 Å × 3000 Å) of the equilibrium terrace structures of (a) clean and (c) Ge-covered (θGe ≈ 1.6
ML) vicinal Si(001) 0.3° miscut toward [110] under applied compressive stress. Parts b and d are enlargements of the
square area in a and c with dimer-row resolution. (From ref 23.)
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Figure 12 shows the changes in the relative popu-
lations of (2×1) and (1×2) terraces induced by the
external stress. For clean Si(001) (Figure 12a,b) the
(2×1) domains (with dimer rows perpendicular to the
down steps) grow at the expense of the (1×2) domains
when a compressive uniaxial stress is applied along
the dimer-bond direction in the (2×1) domains. The
SB steps almost reach the SA steps. Figure 12b is a
high-magnification image of the square area within
Figure 12a, providing a clear identification of the
dimer rows and thus the types of steps and terraces.
After the deposition of ∼1.6 ML of Ge and using the
same external stress, the (1×2) domains grow at the
expense of the (2×1) domains (Figure 12c,d), opposite
to the behavior of clean Si(001). Now the SA steps
almost reach the SB steps. At an intermediate
coverage, ∼0.8 ML, the steps do not respond to the
external stress;23 neither terrace domain is favored,
as shown in Figure 13.
The above observations imply that the intrinsic

surface stress anisotropy reverses its sign with
increasing Ge coverage. Quantitatively, because the
basic features of the dimerized surface structure do
not change with the adsorption of Ge [except for the
formation of dimer vacancies and changes in step and
corner energies (see sections II and IV.B)], the
equilibrium terrace population should be determined

by the same type of stress potential as proposed for
clean Si(001):11,12

where E(p) is the intrinsic elastic energy per unit
area in the surface strain field with the relative
population of two domains [i.e., (2×1) and (1×2)] as
(1 + p)/(1 - p), 0 e p e 1, ν and µ are the Poisson
ratio and bulk modulus, F is the stress anisotropy,
L is the average terrace width, and a is a microscopic
cutoff length as discussed in section II. When an
external uniaxial stress is applied, another energy
term, εpF/2, due to the external strain (ε) induced in
the sample and the existence of surface stress ani-
sotropy, must be added to eq 8. The domain degen-
eracy is lifted by the applied stress, and the terrace
population becomes asymmetric. For clean Si(001),
the domain for which the applied compressive stress
is in the dimer-bond direction is favored. Once F
reverses, for the same applied stress, the domain
asymmetry should be opposite. If F ) 0, the terrace
population will be independent of the applied stress.
The elastic potential in eq 8 is derived for striped

phases with straight parallel boundaries12 while
actual steps fluctuate by forming kinks. However,
the spacing between kinks along the steps (kink
separation) is generally much smaller than the
terrace widths for both clean Si(001)6,13,56 and Ge-
covered Si(001),23,50 and the interaction due to the
long-range strain field cannot “follow” these small-
scale fluctuations. It has been shown that13 each step
can be divided into many “long” segments (compared
with the small-scale step fluctuation), meandering
independently under the influence of the mean-field
potential E(p). The step separation distribution g(L)
for segment ê follows then a Boltzmann distribu-
tion:13,23,50

where K ) âêF2(1 - ν)/πµ. To determine the values
of F for various θGe, the equilibrium terrace width
distributions P(L) are obtained from many STM
images by measuring the distance between adjacent
steps in line scans.23,50 Figure 14 shows two such
distributions for clean Si(001) and Si(001) covered
with ∼1.6 ML Ge. Using the Boltzmann fits to the
distributions (see Figure 14), the absolute value of F
can be readily extracted with its sign already deter-
mined earlier. In principle, we are able to get the
value of stress anisotropy, F, for any θGe (except for
θGe ≈ 0.8 ML, where F ≈ 0) low enough so that the
quasi-equilibrium structure remains layers and not
clusters. For the deposition of pure Ge on Si(001)
that limit is ∼2-3 ML. Figure 15 shows F as a
function of θGe up to 2 ML. As θGe increases, the
magnitude of F (originally positive) decreases first
and becomes zero at θGe ≈ 0.8 ML, and then reverses
its sign and increases. For the unstrained surface
for θGe ≈ 0.8 ML, the distribution P(L) cannot be
fitted by g(L). Instead, it can be nicely fitted by a
“universal” terrace width distribution for noninter-
acting, free-wandering steps within a 1D quantum

Figure 13. STM images (3000 Å × 3000 Å) of the
equilibrium terrace structures of Ge-covered (θGe≈ 0.8 ML)
vicinal Si(001) 0.3° miscut toward [110], (a) before and (b)
after applying compressive stress to the sample. (From ref
23.)

E(p) ) -
F2(1 - ν)
2πµ〈L〉

ln[ 〈L〉
πa0

cos(πp2 )] (8)

g(L) ∝ exp[-2â〈L〉êE(p)] ) [cos(πp/2)]K (9)
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fermion model,51 indicating that only entropic repul-
sion between steps exists at this θGe. This conclusion
is consistent with the vanishing stress anisotropy and
hence vanishing stress potential found for θGe ≈ 0.8
ML.
The physical origin of the reversal of surface stress

anisotropy with increasing Ge coverage is believed
to be caused mainly by the (2×n) reconstruction.23
The larger lattice constant of Ge causes the surface
stress to evolve, with increasing θGe, gradually toward
compression (or less tension) in both the dimer-row
and dimer-bond directions. At the same time, the
increasing concentration of rebonded dimer vacancies
and their ordering tend to relieve the compressive
lattice stress building up along the dimer rows,
leading eventually to the reversal of stress anisotro-
py. This picture is confirmed by theoretical calcula-
tions22 of surface energy and surface stress of (2×n)
structures as a function of θGe. The theory22 further
shows that the optimal surface structure (see Figure
6) and surface stress anisotropy (see Figure 15)

depend strongly on the intermixing of Ge and Si in
the surface and subsurface regions (which we will
discuss in detail below). An experiment66 has also
been done to determine the difference in average
stress between Ge-covered and clean Si(001) for
different Ge coverages. By combining these with the
measured stress anisotropies and the first-principles
results for clean Si(001), one can determine the
absolute values of each component of the surfaces
stress tensor as a function of θGe.23,60

VI. Ge/Si Intermixing
Despite extensive studies on surface morphology

and surface stress of Ge-covered Si(001), there are
still significant gaps in our understanding of the
morphology and stress relationship in the Ge/Si(001)
system. Fundamental in those gaps is the stoichi-
ometry of the surface and subsurface regions as the
coverage of Ge changes. The lack of knowledge of
stoichiometry makes impossible a precise assignment
of contributions to the morphology, energetics, and
stress modification as Ge is added. STM has allowed
us to characterize surface structures with atomic
resolution and carry out quantitative measurements
of surface energetics and surface stress, as demon-
strated above, but it cannot yet distinguish between
Si and Ge because of their similar atomic, electronic,
and chemical properties. Nevertheless, semiquanti-
tative information can still be inferred from STM
measurements of surface structure (morphology) and
surface stress by combining them with theories, as
we discuss below.

A. Displacive Ge Adsorption

As Ge is deposited on Si(001), below 1ML coverage,
a surface layer consisting of a mixture of Ge and Si
is believed to form through a displacive adsorption
process.67 Using deposition from a vapor source
producing Ge atoms (typically called molecular beam
epitaxy (MBE) but more properly evaporative deposi-
tion of atoms) at typical growth rates and tempera-
tures of 500-700 °C onto a Si(001) substrate with
typical small miscut, one would expect the layer to
form via step-flow growth, i.e., the atoms have
enough mobility to reach steps. Step flow is con-
firmed by the absence of islands on the terraces, as
would be required in the island growth mode. The
Ge adatoms are, however, not just incorporated at
the steps but over the entire surface by exchanging
places with Si atoms in the surface dimers to form
Si-Ge mixed dimers or Ge dimers. The displaced
Si atoms diffuse to and are incorporated at the steps
to give the typical signature for step flow. This
picture is inferred from experimental observations.67,68
If the Ge adatoms were adsorbed at step edges,
forming contiguous areas of Ge-covered Si that
expand with increasing coverage, one would expect
immediate formation of a (2×n) structure corre-
sponding to 1 ML coverage in those areas, which
would thus form a distinct phase coexisting with the
bare Si areas. Instead, STM studies6,44-50 show that
dimer vacancies and then ordered vacancy lines
gradually form uniformly on the entire surface upon
Ge deposition. Other techniques67 also observe
gradual changes in surface structural and electronic

Figure 14. Equilibrium step separation distributions P(L)
for (a) clean Si(001) and (b) Si(001) covered with ∼1.6 ML
of Ge. The lateral resolution in each data point is limited
by the pixel size in the image, here 20 Å × 20 Å. The solid
curves are plots of a Boltzmann distribution g(L) in the
potential of eq 8 (see text). The best fitting yields K ≈ 4.7
for clean Si(001) and K ≈ 2.2 for θGe ≈ 1.6 ML. (c and d)
The corresponding STM images. (From ref 23.)

Figure 15. Surface stress anisotropy as a function of Ge
coverage. Open triangles and circles are calculated results
for the optimized (2×n) surface with and without interlayer
mixing, respectively. Open squares are experimental data.
Lines have been drawn to connect data points for clarity.
(From ref 22.)

Ultrathin Ge Films on Si(001) Chemical Reviews, 1997, Vol. 97, No. 4 1057



characteristics, all over the terraces rather than
observing two distinct areas of Ge-covered and bare
Si surface.
The adsorption process of Ge on Si(001) is expected

to have a strong impact on subsequent growth, but
the atomistic mechanism for the proposed displacive
exchange and the evolution of the surface composi-
tional distribution are not known. Some recent
developments (e.g., scanning tunneling spectroscopy69
and Fourier transform infrared spectroscopy in com-
bination with hydrogen titration70) that enable the
differentiation between Ge and Si atoms will help us
eventually to solve the problem. A recent STM
experiment31 shows that a single Ge dimer (or a Si-
Ge mixed dimer) can be differentiated from a single
Si dimer by their different dynamic motions at room
temperature: a Ge dimer displays a rocking motion
on top of a dimer row,31 while a Si dimer displays a
rotating motion.32-35 The surface Si/Ge alloy com-
position can be determined by hydrogen titration,70
using the relative intensities of Si-H and Ge-H
vibrations measured by Fourier transform infrared-
attenuated total reflection spectroscopy.

B. Ge/Si Interlayer Mixing in Subsurface Layers
Above 1 ML coverage, the surface is expected to

be terminated completely by Ge, on the basis of
surface energy considerations.22,67 But the distribu-
tion of Ge in the subsurface regions is difficult to
ascertain. A recent theoretical study22 shows that
the surface reconstruction and surface stress anisot-
ropy of Ge-covered Si(001) depend strongly on the Ge
distribution in the subsurface regions, in addition to
the Ge coverage. Therefore, it is possible to establish,
at least in a semiquantitative manner, the Ge sub-
surface stoichiometry above 1 ML coverage by match-
ing the theory to the experimental results.22
The surface dimerization introduces not only an

anisotropic surface stress but also a nonuniform
stress field distribution in the subsurface region.22,71
Figure 16 is a schematic view of the (2×1) structure
at 1 ML Ge coverage, showing the calculated atomic
displacements (left half) and effective atomic stresses
(right half).22,72 The surface dimer experiences a very
small tensile stress. The second layer is under large
compression. In the third and fourth layers, the sites
beneath the surface dimers are under compressive

stress and the sites between the surface dimers are
under tensile stress. Below the fourth layer, there
is virtually no stress. Because Si is smaller than Ge,
lattice sites under compression favor Si occupancy
and lattice sites under tension favor Ge. Stress
provides a rather large thermodynamic driving force,
beyond the usual entropic effects, for Si/Ge interlayer
mixing. Given sufficient kinetics, the deposited Ge
atoms would tend to migrate to tensile sites in the
third and fourth layers to lower the overall surface
energy. This mechanism has been proposed to be
responsible for the growth of ordered Si-Ge alloy
films on Si(001)71 and for the oscillatory surface
segregation in equilibrium bulk Si-Ge alloys.73 Here,
we discuss its effect on quasi-equilibrium surface
structure and surface stress anisotropy.22

Surface energies for the (2×n) reconstructed Ge/
Si(001) surface are calculated as a function of n for
Ge coverages of 1, 1.5, and 2 ML, as shown in Figure
6. At 1 ML coverage, the Ge adatoms form the
surface layer because the dangling-bond energy of Ge
is much lower than that of Si. For coverages above
1 ML, two extreme cases are considered: one at the
thermodynamic limit, the other at the kinetic limit.
At the thermodynamic limit, for 1.5 ML coverage half
a monolayer of Ge occupies the fourth-layer tensile
sites with 1 ML on the surface; for 2 ML coverage
half a monolayer each of Ge occupies both third- and
fourth-layer tensile sites. As a limit of zero intermix-
ing kinetics, all the deposited Ge adatoms are simply
placed in the outer layers.
The optimal (2×n) reconstructions (the lowest

energy points in Figure 6) at the three coverages
considered here are all more stable than the corre-
sponding (2×1) structures (horizontal lines in Figure
6), indicating a negative dimer vacancy formation
energy (i.e., dimer vacancies are stable rather than
metastable, see section IV.A). The deposited films
allowing interlayer mixing (the thermodynamic limit,
dashed lines in Figure 6) have lower surface energy
and larger n values than the corresponding ones
without interlayer mixing (solid lines). Obviously Ge
segregation lowers the surface energy by occupying
the favorable atomic sites to release surface stress.
The relaxation of the stress in turn reduces the
concentration of dimer vacancies, leading to surface
structures with unchanged values of n at different
coverages, in disagreement with the experiments,44,49
which show a decreasing n with increasing Ge
coverage. The calculations show that without inter-
layer mixing, the periodicity n gradually decreases
with increasing Ge coverage, indicating that more
and more vacancies are formed to relieve the misfit-
induced compressive stress along dimer rows. More-
over, the potential well around the optimal period-
icity becomes deeper and narrower at larger coverages,
suggesting that the statistical distribution of n will
become narrower with increasing coverage. Both
these results are in agreement with experiments44,49
(see section V.B.1 and Figure 4). The comparison
between theory and experiment suggests that the
thermodynamic limit is an incorrect assumption. This
conclusion is confirmed by the calculations of stress
anisotropy, as shown in Figure 15. In the thermo-
dynamic limit, in addition to the formation of dimer

Figure 16. Schematic side view of (2×1) surface, projected
to (110) plane. Solid circles are surface Ge atoms. Arrows
mark the direction of atomic displacements. Numbers on
the left hand side of the figure label the atomic displace-
ments from their ideal bulk positions in Å. Numbers on
the right hand side of the figure are atomic-level stresses.
(From ref 22.)
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vacancies, the surface stress field is relaxed by
interlayer mixing. As a result, the concentration of
vacancies does not increase with increasing Ge cover-
age. The calculated surface stress anisotropy never
changes sign, in disagreement with experiment.
Without interlayer mixing, the theory shows that as
Ge coverage increases, the surface stress anisotropy
decreases and reverses in sign at about 1.1 ML, in
good agreement with experiment.23 We therefore
conclude that films grown at typical experimental
temperatures (500-700 °C)23,48-50 are apparently
unable to reach the true thermodynamic ground
state, even when they are annealed for typical times
of ∼1 h after growth in an attempt to achieve
equilibrium, likely because the Si-Ge interlayer
mixing is suppressed by a large kinetic barrier. It
is believed that 2D equilibrium exists in the surface
layer, but that equilibrium with the bulk is not
established. The surface morphologies and surface
stress tensors observed on these quasi-equilibrium
films23,48-50 are controlled by slow interdiffusion
kinetics, at least for Ge coverages above 1 ML.
The above analysis demonstrates the possibility of

deriving the Ge subsurface stoichiometry by match-
ing the theory to the experimental surface structures
and surface stress anisotropies. More detailed analy-
ses22 show that the actual amount of Ge mixing to
lower layers is below 25.0% in the quasi-equilibrium
films grown by those experiments.23,48-50 The amount
of interlayer mixing is expected to increase when the
as-grown films are annealed at higher temperatures.
Such intermixing can be monitored by observing the
corresponding changes in surface structures and
surface stresses. A recent STM study52 shows that
at∼1.5 ML Ge coverage, high-temperature (∼760 °C)
annealing changes the value of n in the surface
reconstruction from 9 to 14. Because Ge evaporation
at this temperature is negligible in the anneal time
(∼ 2 min),52 the decrease of dimer-vacancy concentra-
tion is speculated to be induced by additional Si/Ge
interlayer mixing, as predicted by theory.22 Several
other measurements74-76 have also suggested the
segregation of Ge into the subsurface regions, up to
the third and fourth layers, by growing and/or an-
nealing at different temperatures.

VII. Transition from 2D to 3D Growth:
Appearance of Coherent Facetted Islands
The equilibrium growth mode of Ge on Si is of the

Stranski-Krastanov (SK) type. Ge initially grows
layer by layer, forming a several-monolayer wetting
layer, culminating eventually in the formation of
dislocated islands that have the relaxed Ge lattice
constant, with dislocations formed at the Ge-Si
interface. Recent studies have discovered several
interesting and unexpected growth processes before
the formation of dislocated islands. The transition
from 2D to 3D growth proceeds via complex kinetic
pathways, characterized by the formation of coherent
3D faceted nano-crystallites.63,64
Because Ge has a lower surface energy than Si, Ge

initially wets the Si substrate. For pure Ge deposited
on Si(001), the strain relaxation mechanisms dis-
cussed above extend the thickness of the wetting
layers up to 3 ML.7,8,63,64,77-82 The misfit strain is

partially relaxed by the (2×n) reconstruction, cre-
ation and morphological modulation of steps, and
breakup of large terraces into 2D islands. The 3D
nano-crystallites (referred to as “islands”) start to
form when θGe g 3 ML. They are coherent with the
substrate lattice (i.e., free of dislocations between the
substrate and the island)63,80,81 and have well-defined
facets.63,64,81,83 In particular, STM has identified63
these coherent 3D islands as hutlike with predomi-
nantly a prism shape (with canted ends), in some
cases a four-sided pyramid, with perfect {105} facet
planes on all four faces (see Figure 17). Their
principal axes are strictly aligned along two orthogo-
nal 〈100〉 directions.
The four facets in these so-called “hut” islands63

appear always with perfectly completed layers. This
and the observation that the number density of the
huts increases rapidly while their size grows slowly
as the Ge coverage is increased indicate that the
formation of huts is driven by the low surface free
energy of {105} facet planes. Because hut clusters
form preferentially at lower growth temperatures (<
500 °C) and because they transform completely to
macroscopic islands after annealing at higher tem-
peratures,63 they are believed to be a metastable
intermediate phase leading eventually to the forma-
tion of much larger stable noncoherent macroscopic
islands63,64,80,81 with less well-defined shape and
structure. The kinetics of hut island formation are
still unclear. The concentration at low growth tem-
peratures of coherent hut islands is much higher than
that of noncoherent macroscopic islands, indicating
that huts are much easier to nucleate, with a lower
formation barrier. Thus, hut clusters define the
onset of the transition from 2D to 3D growth and
provide a easier kinetic path for the ultimate forma-
tion of the equilibrium rough surface consisting of
noncoherent macroscopic islands. The small forma-
tion barrier for huts can result from the low surface
energy of their {105} facets (see discussion below).
It is also suggested that 〈100〉 steps (running at 45°
to the dimer-row direction), formed in the initial Ge
layers, may lower the hut formation barrier by acting
as nucleation sites.63,84

Theories show that under appropriate conditions,
coherent islands can be not only energetically more
stable than both the strained epitaxial films and
dislocated islands,85-87 but also kinetically favored
over the nucleation of dislocations.87 The coherent
islands allow the partial relaxation of strain by
elastic deformation at the expense of introducing
extra surface area. In general, the strain relaxation

Figure 17. STM image of a single “hut” cluster in
perspective view. The base dimensions are 400 Å × 200 Å.
The height of the hut is 28 Å. (From ref 63.)
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energy is proportional to the volume of the island (V),
while the increase of surface free energy scales with
the surface area (V2/3). Considering an island of
trapezoidal shape with a small facet angle, the total
free energy of the island can be expressed as87 E )
aΓV2/3 - bε2V, where a and b are coefficients related
to the island facet angle, V is the volume of the
island, ε is the misfit, and Γ is surface free energy
anisotropy between the normal orientation and the
beveled edge. Clearly, for a sufficiently large island
(or an equivalent pit), formation of the island (or pit)
is energetically favored. Kinetically, the thermal
activation barrier is proportional to Γ3/ε-4 for nucle-
ating islands,87 but scales as ε-1 for nucleating
dislocations.88 Thus, for large misfit (large ε), islands
are kinetically favored over dislocations, while for
small misfit, dislocations are favored.87 The forma-
tion barrier depends also sensitively on surface free
energy anisotropy (Γ). The smaller the value of Γ,
the lower the barrier. It is likely that the difference
in surface energy between the strained Ge(100) face
and (105) face is rather small, making the nano-huts
kinetically favorable over the macro-islands which
contain other faces with surface energies much
higher than that of the strained Ge(100) face. On
the other hand, the macro-islands are energetically
more stable than micro-huts by incorporating those
faces with steeper facet angles to allow more strain
relaxation,83,87 which is consistent with the observa-
tion that micro-huts form preferentially at lower
temperature and transform to macro-islands after
annealing at higher temperature.63 Also at higher
temperature, Γ becomes generally smaller because
of entropy; the islands will have multiple facets with
less-defined overall shape and structure.63 In order
to grow thicker smooth films, it is possible to sup-
press the hut island formation by decreasing ε (e.g.,
lowering the concentration of Ge in a Si/Ge alloy that
is deposited), decreasing Γ by, e.g., using surfactants4
(which may also change surface diffusion), and/or
growing at low temperature.
Recently, there has been a renewed intense in-

terest5,89-92 in the {105}-faceted hut islands63 because
of their potential applications as quantum dots.
Similar huts form also during the growth of Si-Ge
alloy films on Si(001) by both MBE and CVD. The
most remarkable finding is that these islands, if
grown in a SiGe/Si multilayer structure, self-organize
into a superlattice with progressively improved uni-
formity in island size and spacing,5,89,90 showing
promise for obtaining the structure and order needed
for electronic applications of quantum dot arrays.

VIII. Summary
STM has become a powerful surface tool not only

for imaging evolving surface structures and morphol-
ogies but through them for determining quantitative
values of surface energetics and stress. In this
review, using the growth of pure Ge on Si(001) as a
model system, we have presented a comprehensive
picture of the effect of misfit strain on thermody-
namic properties that become the driving forces for
morphologies and other properties that influence the
early stages of heteroepitaxy. The strain relaxation
proceeds in steps via different relaxation modes. The

analysis process and methods discussed here should
be generally applicable to similar problems in a much
wider range of systems.
On Ge-covered Si(001), strain relaxation begins

with the formation of ordered dimer vacancies. The
form and magnitude of the dimer vacancy-vacancy
interaction can be determined by measuring and
analyzing the vacancy distribution functions. The
formation of vacancy lines changes the step energies
and morphologies, reversing the relative roughness
of two types of monatomic steps on Si(001). The
response of surface morphology, for surfaces covered
with different amounts of Ge, to an external uniaxial
stress reveals an intriguing interplay of surface
stress, structure, and stoichiometry. As strain in-
creases with increasing film thickness, other modes
of stress relief become important. In particular, a
transition from 2D layers to 3D clusters, the classic
transition predicted by Stranski and von Krastanov,
must occur. This transition turns out to be very
complex, beginning with a breakup of the 2D layers
into smaller sections of 2D layer and a subsequent
formation of coherent metastable 3D crystallites and
only much later ending with relaxed larger-sized
clusters as expected from the Stranki-Krastanov
theory. The discovery, by STM, of this special kind
of {105}-faceted coherent Ge island on Si(001) has
provided new insights to the conventional Stranski-
Krastanov theory. These microscopic “hut” islands
also show great promises for future technological
applications as quantum dot devices.
Formation of defects (vacancies, steps, etc.) and

formation of coherent 3D islands are two typical
strain-induced surface roughening processes. How-
ever, strain relaxation can have much richer mani-
festations. The form and process of surface rough-
ening, i.e., the mode of strain relaxation, depend
strongly on growth conditions (deposition rate, tem-
perature, substrate miscut and orientation, alloy
concentration, etc.) and can be affected by externally
applied stress.23,93 For example, on a vicinal surface,
the bunching of steps created by miscut is the
dominant relaxation mechanism during the growth
of SiGe alloy on Si(001).94,95 It has been shown95 that
there exists a generic step bunching instability of a
strained vicinal surface, arising from the long-range
elastic step-step attraction induced by lattice mis-
match.95 Such step bunching also leads to self-
organization of step bunch arrays that are potentially
useful for growing quantum wires.96 While surface
roughening, in general, prevents the growth of smooth
films, it can be useful for fabricating nanostruc-
tures.90 A good control of roughening processes
through the manipulation of growth kinetics and
surface thermodynamics, leading to self-organization
of superlattices of quantum dots and quantum wires,
has become an attractive route to nanofabrication.
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